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ABSTRACT: Bisphenol A polycarbonate (PC) and PET/0.6PHB polymer liquid crystal (PLC), where PET
is poly(ethylene terephthalate), PHB is p-hydroxybenzoic acid, and 0.6 is the mole fraction of PHB in the
copolymer, were studied along with their blends from the PC side up to 20 wt % PLC. Dielectric relaxation
in the range 10-2-106 Hz and dynamic mechanical behavior at 1.0 Hz were determined, both as a function
of temperature T. Broad relaxations (â of PC, â of the PLC), seen by earlier investigators who covered
narrower frequency ranges, result in fact each from two or three distinct processes. Earlier assignments
of the main â peak of PC are discussed and found to contain a common denominator. The results are
interpreted in terms of multiphase hierarchical structures contributed by the PLC related to the
morphology as a function of composition and the macromolecular dynamics of the blend components. As
compared to pure PET, copolymerization with PHB results in competition of increased chain stiffness
with plasticization resulting from added free volume. Pertubations in the structure of the PC matrix
increase up to 15 wt % of the PLC, but then they decrease because of crossing the θLC limit at which islands
of the LC-rich (PHB-rich) phase separate from the matrix; the effect is seen in several properties, both
mechanical and dielectric.

Introduction and Scope

While studies of viscoelasticity have a long history,1
the claim that we understand relaxations in polymeric
materials well would be too optimistic. However, for
both fundamental and practical reasons, there is now
an increasing interest in heterogeneous polymers2 such
those containing fillerssand also in polymer liquid
crystals (PLCs) with which we deal in this paper. PLC
macromolecules typically consist of flexible sequences
along with LC sequences. The latter tend to form a LC-
rich phase, a fact established first by Menczel and
Wunderlich,3,4 using differential scanning calorimetry
(DSC), and confirmed later by other techniques includ-
ing scanning electron microscopy (SEM) where LC-rich
islands were clearly visible.5 The multiphasicity of PLC
systems provides for interesting relaxational behavior.
A significant part of our understanding of PLCs comes

from statistical mechanics, in particular from the Flory
theory and its amplifications.6-13 The theory involves
the average fraction θ of LC sequences in the chains,
the average length η of the LC sequence, and the order
parameter s and makes possible prediction of the
clearing temperature TLC-iso as a function of θ. For
ternary systems of the type PLC + EP + solvent, where
EP is a flexible polymer, calculations based on the
theory show that the LC sequences cause channeling
of the solvent molecules.12 Thus, imparting of the LC
orientation to non-LC constituents of the system is a
factor that needs to be taken into account. Structures
of PLCs are hierarchical in nature.14-17 In general,
hierarchical structures can be formed if there are at

least two kinds of building blocks which are not homeo-
morphic to each other.17 With the exception of chains
that do not contain flexible sequences, all other PLCs
fulfill that condition. Some rules pertaining to hierar-
chical structures, dealing in particular with ascensions
and descensions in the hierarchy, have been formulated
in terms of homeomorphism.17 The lack of homeomor-
phism between two figures can be established by a
number of criteria, such as a difference in the number
of connected components of the figures or a difference
in the number of separating points.
Useful insights into relaxation phenomena can been

also provided by molecular dynamics (MD) simulations.
Thus, Tiller18 used MD to simulate dielectric relaxation
of several polymer structures. He observed several
types of motions, including springlike (expansion and
compression) as well as wavelike. He pointed out that
MD provides information about different types of mo-
tions as well as about relationships between different
motions. MD simulations of stress relaxation19-21 show
the collective character of the relaxation process; poly-
mer chain segments relax in clusters rather than
individually, thus confirming an earlier theory22,23 of
Bose-Einstein-like stress relaxation. However, simula-
tions by MD just mentioned were made for non-LC
polymers. There is one report of MD simulation of
PLCs,24 namely, longitudinal ones, that is with LC
sequences in the main chain oriented along the chain
direction.25,26 The chains had carbon-like backbones to
which tensile deformations were applied.24 The results
at lower stresses show relaxation by conversion from
trans to cis conformations. Larger stresses result in
crack propagation and failureswith the material strength
strongly dependent on the spatial distribution of the LC
islands, in addition to the naturally expected depen-X Abstract published in Advance ACS Abstracts, June 1, 1996.
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dence on the LC concentration θ and temperature T.
Experimental studies of PLCs are numerous. Hud-

son, and co-workers27-30 used transmission electron
microscopy (TEM), polarized optical microscopy (POM),
wide-angle X-ray, and electron diffraction. Hudson et
al. showed in some cases formation of smectic phases
in addition to nematic, including smectic phases in
which the layers rather than the molecules are aligned.
They also observed significant differences between PLCs
and MLCs (monomer liquid crystals, the terminology
of Samulski31) during crystallization. On the macro-
scopic scale, we also have the well-known skin-core
effect.29,32 Cheng and co-workers33 studied poly(azo-
methines), which are logitudinal PLCs, varying the
length of the flexible sequences (spacers) in the back-
bone. They have found preglass transitions, attributed
to the spacers, and with the transition temperatures
dependent on the spacer length. Springer and co-
workers studied PLC combs. They have found poly-
morphism of LC phases34,35 and also formation of
metastable but reproducible LC phases.36 These as well
as other results demonstrate the complexity of PLC
systemssbut also capabilities for establishing molecular
structuresproperty relationships.
Another experimental approach in dealing with com-

plex polymer structure consists in studying binary
blends with low concentration of one of the components.
As argued by Surovtsev and his co-workers,37 the
minor component acts as a modifying agent for the
polymer matrix. Relaxational behavior can then be
studied in terms of the perturbation of the structure and
properties of the matrix componentsan approach we
shall use below.
We believe that the hierarchical structures of PLCs

can only be understood on the basis of concomitant
theoretical, simulational, and experimental effort. Each
of these approaches has its limitations. To give just one
example, the MD simulation of dielectric relaxation18
is up to now limited to frequencies 109 Hz < f < 1013
Hz; it has not been applied yet to PLC systems. Under
the circumstances, we have decided to extend the base
for understanding relaxation phenomena in PLCs by
conducting dielectric and dynamic mechanical experi-
ments. In both methods, varying the frequency of the
probing field provides a capability for separation of
relaxation modes. Moreover, different force fields are
imposed in the two methods.
The choice of the system was dictated by the above

considerations: a PLC, an EP, and EP + PLC blends
from the EP side, so that perturbations of EP relaxation
could be studied following the approach of Surovtsev
and his colleagues. At the same time, addition of a PLC
to an EP is known to improve mechanical and rheologi-
cal properties of the latter.38-44 As the PLC we have
chosen PET/0.6PHB, where PET is poly(ethylene tereph-
thalate), PHB is p -hydroxybenzoic acid, and 0.6 is the
mole fraction of the LC constituent (PHB) in the
copolymer. Our PLC is only one in a series of PET/
xPHB copolymers; their phase diagram as a function of
x was already established45 on the basis of results
reported in 18 earlier publications. As for the EP, we
have decided to use Bisphenol A polycarbonate (PC)
since the phase diagram of PC + PET/0.6PHB blends
is also known,46 as well as their rheological properties
up to 20 wt % of the PLC.47

Experimental Section
Materials and Their Preparation. PET/0.6PHB was

obtained from Eastman Kodak, Kingsport, TN, as well as from

Unitika Ltd., Kyoto, Japan (LC-3000). PC was a Bisphenol A
polycarbonate produced by Bayer AG, Leverkusen, Germany
(Makrolon 2800). The former was well characterized in ref
45 (but see the beginning of the subsection Polymer Liquid
Crystal (PET/0.6PHB) and the Blends below). As for the
latter, its density is F ) 1.20 g‚cm-3, melt flow index (MFI
300/11.8) ) 7 g/10 min; stress at yield σy ) 65 MPa; modulus
of elasticity in tension E ) 2300 MPa, and elongation at
fracture εf ) 110%. All samples we have studied, at any
location, had the same basic thermal history, and no differ-
ences were found between the Eastman Kodak and Unitika
samples of the PLC. To exclude possible degradation by
hydration, the components were dried in a vacuum drier.
Blending was done in Strasbourg in a single-screw Goetffert
extruder with the length-to-diameter L/D ratio of 24. The
extrusion temperatures were 230, 260, 270, and 280 °C; the
screw speed gave the residence time of ∼3 min. The extruded
rod with the diameter of ∼3 mm was granulated using a
pelletizing unit. Samples for mechanical testing were pre-
pared by injection molding under the following conditions:
temperatures in the barrel, 270, 280, 290, and 300 °C; mold
temperature, 100 °C; filling pressure, 130 MPa; packing
pressure, 46 MPa; packing time, 10 s; cooling time in the mold,
15 s.
Dynamic Mechanical Measurements (DMA). The dy-

namic mechanical measurements were made using a computer-
controlled free-oscillation torsion pendulum. The torsion
pendulum test is standardized for plastics testing according
to ISO 6721 (1992) part 2 or ASTM standard 2236-70. The
construction used is similar to the so-called inverted type
where the inertia element (disk) is suspended by a fine wire
and a counterweight. The free damped torsional oscillation
of the system consisting of the sample and the disk is
monitored by an optical-electrical sensor which provides
appropiate signals for measuring the oscillation frequency and
the decay of amplitudes with a computer on-line. These input
data (completed by the dimensions of the sample and the
moment of inertia of the oscillating system) are instantly
converted to the desired output data of the complex shear
modulus.
The samples were in the form of strips, 60 mm long between

the clamps, 10 mm wide, and 2 mm thick. To avoid orienta-
tional effects, the strips were always cut from the sheets along
the processing direction. The measuring procedure started at
a low temperature, and the oscillation experiment was initi-
ated and repeated in steps of several degrees K while the
sample was heated up continuously at the rate of 2 K/min.
During the temperature scan from -185 to +185 °C, the
frequency was adjusted so as to be nearly constant at about
∼1 Hz by changing the inertia disk in dependence on the shear
storage modulus of the material.
Dielectric Measurements. The samples for the dielectric

measurements were pressed by a Darragon press at 300 °C
for 5 min, producing films with of 100 µm thickness. Silver
electrodes with a 30 mm diameter were evaporated onto the
samples. The isothermal dielectric behavior, characterized by
the complex dielectric permittivity

(where f is the frequency, ε′ is the real part, ε′′ is the imaginary
part, and i ) (-1)1/2 was measured in the frequency range from
10-2 to 106 Hz using a Schlumberger frequency-response
analyzer FRA 1260 supplemented by a buffer amplifier of
variable gain.48 The temperature of the sample was controlled
by a custom-made nitrogen gas jet heating system covering a
broad temperature range with the resolution of ( 0.02 K.
The data were quantitatively analyzed by fitting the model

function of Havriliak and Negami (H-N)49,52 to the isothermal
relaxation curves. The H-N function reads

Here ∆ε is the intensity, f0 is a characteristic frequency nearly

ε′(f) ) ε′(f) - iε′′(f) (1)

ε′(f) - ε∞ ) ∆ε
(1 + (if/f0)

â)γ
(2)
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equal to the peak frequency fp, e∞ ) ε′(f) for f . fp, and â and
γ are fractional shape parameters (â is also used below for a
relaxation label) related to the width and the asymmetry of
the peak. As discussed also by Hartmann,50,51 this generaliza-
tion of the single relaxation time model by Hudson et al.
combines the broadening of the Cole-Cole model with the
asymmetry of the Davidson-Cole model. As described by
Schlosser and Schönals,52 eq 2 can be used to represent the
isothermal data. There is also a capability of decomposing the
whole relaxation curve into constituents corresponding to
individual relaxation regions.52,53

Mechanical Relaxations
Polycarbonate. A DMA scan for the pure polycar-

bonate is shown in Figure 1; the shear storage modulus
G′, the shear loss modulus G′′, and the mechanical loss
factor tan δ are displayed as a function of temperature.
The steps in G′ and the accompanying peaks in G′′ and
tan δ indicate three relaxation regions located respec-
tively around -100, 75, and 148 °C. In this discussion,
these relaxations will be referred to as the â, “interme-
diate“ and R relaxation, respectively. The temperatures
are taken from the peak positions of the G′′(T) function;
tan δ peaks are typically found at somewhat higher
temperatures depending on the intensity and/or width
of the transition. This fact, as well as the frequency
dependence of relaxational processes, should be taken
into account when our results are compared with those
of other sources. We note that the glass transition
temperature of PC (RPC) agrees with the thermal me-
chanical analysis (TMA) result in ref 46. The literature
contains extensive reports on the mechanisms of relax-
ations in polycarbonates; see refs 54-58 and references
therein. Thus, Bendler and Shlesinger55 discussed
defect cluster formation during thermal quenching to
temperatures below the glass transition temperature Tg.
A relaxational process caused by pumping thermal
energy into the system can result in the destruction of
these defects, or their migration to the chain ends, or
else as suggested by LeGrand and co-workers56 in more
homogenous distribution of the defects. Moreover, chain
ends might be disentangled from other chain ends or
segments. Jho and Yee,57 who have performed DMA
measurements on PC postulated the cooperative char-
acter of the â process around -100 °C (in ref 57 this
process is called γ). Their DMA results agree with ours
in Figure 1, except that their lowest experimental
temperature is -150 °C while ours is -185 °C, hence
we see some additional features. Weigand and Spiess58
explained their 1H NMR results in terms of methyl
group rotations, large-amplitude phenyl flips, and main-

chain wiggling. Keeping in mind these various proposed
mechanisms, let us inspect Figure 1 in some more detail.
We observe that the broad â relaxation constitutes

in fact an overlap of three mechanisms, â1-â3 in the
figure. â1 appears to be the start of the defect migration;
this is the process discussed by Bendler and Shlesinger55
and LeGrand et al.56 The large â2 peak is the homog-
enization of the defects noted in refs 55 and 56; at the
same time, this might well be the cooperative motion
of Jho and Yee, as well as the main-chain wiggling of
Weigand and Spiess.59 The homogenization can deprive
some atom groups of a fraction of the free volume vf they
had at lower temperatures, which explains the decrease
of G′′ and tan δ beyond the peak maximum. The â3
region, with its relatively stable G′, might be explained
by the defect migration to the chain ends and subse-
quent disentanglement of the chain ends from other
chain ends or segments envisaged by Bendler and
Shlesinger. We recall the role of entanglements in
smectic PLC phases discussed by Hudson and co-
workers.30 The “intermediate” process around + 75 °C,
indicated by the weak shoulder in tan δ and the small
step of G′, is discussed in more detail in the subsection
Polycarbonate below; it has been known under that
name since the 1960.54 Then we have the R relaxation,
which corresponds to the glass transition Tg of PC at
∼148 °C when large-scale microbrownian movements
become liberated and large-amplitude phenyl flips
become possible. However, as discussed by Jho and
Yee,57 the orientation of the two phenylene planes in
PC separated by the carbonate group may be either
asymmetrically skewed to different directions or dis-
torted to the same direction. The energy barrier be-
tween these two orientations is quite small,61 hence they
might coexist well also above Tgsand we are not far
from the condis crystals of Wunderlich and co-work-
ers62,63 with their positional and orientational but not
conformational order.
Polymer Liquid Crystal (PET/0.6PHB) and the

Blends. For our pure PLC, that is PET/0.6PHB, DMA
results have already been reported for identical samples
in ref 45 at frequencies comparable to those in the
present study. On the basis of these DMA and other
results,45 we recall that the PLC has the following: a â
relaxation centered at ∼-50 °C, with both PET and
PHB constituents participating in the process,64,65 and,
with Chen and Zachmann,66 suggesting for PET the
onset of hindered rotations of the CH2 groups combined
perhaps with motions of COO groups; a transition which
is the glass transition of the PET-rich or matrix phase
at ∼+62 °C; an R′ transition which starts at ∼80 °C and
extends to 100 °C or so and constitutes cold crystalliza-
tion of PET; the glass transition of the islands () the
PHB-rich phase) at ∼160 °C, comparable to that of pure
PHB; melting at ∼199 °C, when the islands become a
smectic E phase (as first established by Yoon and co-
workers67) while the matrix becomes an isotropic melt;
and subsequent transformations of the PHB-rich phase,
smectic E f smectic B f isotropic liquid.
In Figure 2 we show the dependence of the loss

modulus G′′ on the temperature for blends containing
5, 10, 15, and 20 wt % PLC, and also for pure PC for
comparison. The relaxation processes of the pure
components are also found in the blends. In the high-
temperature region, the glass transition peak of the PC
(RPC) is dominant. While no remarkable effect on the
peak height can be noticed, its temperature position is
clearly influenced by the PLC fraction increasing from

Figure 1. Shear storage modulus G′, shear loss modulus G′′,
and mechanical loss factor tan δ vs temperature for PC.
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148 (pure PC) to 154 °C for the 15% PLC blend and
dropping to 147 °C for the 20% blend. The phase
diagram for PC + PET/0.6PHB blends46 indicates that
the lowest PLC concentration θLC limit at which the LC-
rich islands are formed is ∼15% PLC. The rheological
results for the same blends47 show that the θLC limit is
between 15 and 20% PLC. This explains the lowering
of the RPC glass transition: liberated at 20% PLC from
many of the perturbing PHB sequences, the PC-rich
matrix virtually returns to the glass transition of pure
PC. We are back to the approach of Surovtsev and co-
workers in considering the minor blend component as
a pertubation.37 This is in spite of the fact that some
PC chains apparently participate in the island formation
(small partial miscibility of PC with PHB but none with
PET), since the glass transition line of PC bifurcates at
the θLC limit.46
The glass transition R peak of the PET, located near

to the intermediate relaxation shoulder of PC, increases
in intensity with growing PLC fraction. There is a small
but clear shift to higher temperatures of the combined
(RPC + intermediate PC) peak for up to 15% PLC, when
that peak is observed at 70 °C, but its maximum goes
down to 66 °C for 20% PLC. We know that the RPET
transition take place at 62 °C, hence increasing the PLC
concentration moves the combined peak closer to that
value. This happens until the θLC limit is reached above
15% PLC, the LC-rich island phase separates, and
therefore, the peak moves back to a lower temperature.
Another splitting up of G′′ curves with increasing
amount of PLC occurs in the region between the room
temperature and -90 °C. There is no doubt that it is
an effect of the âPLC relaxation overlaying with âPC. The
main peak â2 of the latter at -100 °C is shifted
monotonously to higher temperatures with increasing
amounts of the PLC; the effect is more clearly demon-
strated by the dielectric data below. Overall the me-
chanical loss modulus results for the PC + PLC blends
are dominated by the phase separation, that is, by the
island formation when the θLC limit is exceeded. Never-
theless, the shift of the dynamic glass transition RPC
found for PLC concentrations up to 15% is typical for
morphological interactions inducing higher molecular
order with subsequent restriction on the molecular
mobility of one or both phases. Similar effects of
composition-dependent mutual influence on the molec-
ular order of the components were reported for poly-
carbonate + poly(ε-caprolactone) blends.68
The morphological characteristics of the blends de-

duced from the temperature dependence of the mechan-

ical loss factor are also reflected in the shear storage
modulus vs temperature curves shown in Figure 3.
That plot clearly displays several regions, with three
largest stepwise decreases of the materials stiffness
caused by the relaxations âPC, RPET, and RPC (from low
to high temperatures). The dependence of G′ on the
PLC concentration varies with T. At temperatures
below the dynamic glass transition of the PET compo-
nent, the modulus increases with increasing concentra-
tion of the PLC. There is an inverse behavior above
RPET where the modulus decreases with increasing PLC
concentration before the final drop connected with the
RPC and RPHB transitions occurs. Once more, these
findings clearly confirm the multiphase character of the
blends. Obviously it is the special influence of the
modulus level of the PLC and its temperature depen-
dence that cause that inversion effect at RPET. Due to
its high molecular order, even in the glassy state the
PLC exhibits higher modulus than the PC. Therefore,
acting as a dispersed phase, PLC enhances the modulus
of the blends at lower temperatures. At RPET, the
dynamic glass transition of PET brings its modulus level
remarkably below that of the glassy PC matrix, thus
inverting the order of the curves. The differences
between the blends in the final modulus drops at ∼150
°C are in accordance with the phase structures and
morphology already discussed in relation to the RPC peak
of the mechanical loss factor; once again the formation
of the islands above the θLC limit manifests itself. We
recall rule 4 of formation of hierarchical structures:17
the structure of a smaller entity determines the struc-
ture of a larger entity.

Dielectric Relaxations
Polycarbonate. In Figure 4 the logarithmic dielec-

tric loss log ε′′ is plotted vs the temperature for several
frequencies. As in the mechanical experiments, the
dielectric spectra show two main relaxation regions. The
dependence of the peak frequency fpâ for the low-
temperature â relaxation on the temperature T has the
Arrhenius form

where fâ∞ is the preexponential factor and EAâ is the
activation energy. Locations of fpâ are evaluated from
the ε′′ values. The results for different compositions are
shown in Figure 5. The results for pure PC can be

Figure 2. Shear loss modulus G′ vs temperature for PC +
PLC blends.

Figure 3. Shear storage modulus G′ vs temperature for PC
+ PLC blends.

fpâ ) fâ∞ exp[-
EAâ

kT ] (3)
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represented by eq 3 with log (fâ∞/Hz) ) 12.4 and EAâ )
32.2 kJ‚mol-1.
The temperature dependence of a relaxation peak

frequency can also be represented by the well-known
empirical Vogel-Fulcher-Tammann-Hesse69 (VFTH)
equation

in which fR∞ and A are constants and T0 is the so-called
ideal glass transition temperature. The last equation
serves in principle also for other relaxations such as â.
In the following we shall use both eqs 3 and 4.
The results for fâ∞ calculated from eq 3 from ε′′ peaks

are shown in Figure 5, while the respective parameters
are listed in Table 1. Similar to the mechanical
measurements, the dielectric experiments display the
process located between â and R relaxation. As noted
above, this process has been known for decades. It has
been found sensitive to thermal treatment of the sample;
the intensity becomes reduced by annealing. It has been
argued that this process is not a relaxation region in
the classical sense related to the equilibrium structure
of the polycarbonate but may be due to the relaxation
of frozen-in stress. The intermediate region may be also
related to the physical aging of the polymer in a similar
way as discussed by Schönhals and Schröter.70 To
clarify the molecular mechanism of this process, some

further investigations are necessary for samples with
different thermal histories.
Polymer Liquid Crystal (PET/0.6PHB). Dielectric

relaxation studies of our PLC have been reported by
Gedde et al.64 and by Takase et al.71 Figure 6 shows
the dielectric loss ε′′ vs frequency and temperature for
our sample. Confirming results in refs 64 and 71, two
pronounced relaxation regions can be observed: the
high-temperature R relaxation and the â relaxation at
lower temperatures. Figure 7, which shows tempera-
ture scans at fixed frequencies for our PLC, indicates
that the â relaxation is quite strong and quite broad as
compared to the R relaxation. We would like to
concentrate first on the former.

Figure 4. Logarithm of dielectric loss ε′′ vs temperature for
PC at different frequencies.

Figure 5. Arrhenius plot for the â relaxation of PC in PC +
PLC blends.

log fpâ ) logR∞ - A
T - T0

(4)

Table 1. VFTH Parameters for the r Relaxations

sample log (fR∞/Hz) A/K T0/K ref

PET 18.8 1269 288.5 52
PET/0.6PHB R′ 19.9 907 286 64
PET/0.6PHB R 17.4 1286 284 64
PET/0.6PHB R 17.9 722 295 a
polycarbonate 14 743 373.3 a
blends
05% PLC 15 847 367 a
10% PLC 15.2 888 364 a
15% PLC 15.2 922 360 a
20% PLC 15.1 926 357.3 a

a This work.

Figure 6. Logarithm of dielectric loss ε′′ vs temperature and
logarithm of frequency for the sample PET/0.6PHB.

Figure 7. Logarithm of dielectric loss ε′′ vs temperature for
the sample PET/0.6PHB at different frequencies.
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The relatively strong â loss peak indicates that not
only rotational fluctuations of the CH2 groups, proposed
as the molecular mechanism for this relaxation by Chen
and Zachmann,66 play a role. It appears that molecular
motions of the COO groups contribute to the relax-
ational process in question.
A meticulous investigation at low frequencies shows

that the â relaxation region consists of two distinct
processes (Figure 8). At low temperatures, a pro-
nounced relaxation peak can be seen, which we shall
continue to call â relaxation.64,65,71 This relaxation is
followed by a second process at higher temperatures,
much lower in intensity, not reported in earlier work.
The reason may be that in our study a broad frequency
range is covered, including low frequencies. We shall
name this process â′ relaxation. Unfortunately, this
relaxation occurs only as a weak shoulder on the high-
temperature side of the â relaxation, hence it cannot
be analyzed with regard to relaxation rates or intensi-
ties. Moreover, with increasing frequency the â peak
covers the â′ relaxation quite rapidly. Gedde and his
colleagues64 noted that the difference between the
relaxed and unrelaxed dielectric constants is for PET/
xPHB copolymers (for pure copolymers θ ) x) indepen-
dent of compositionswhich means that both PET and
PHB participate in the relaxation. Since we have
multiple evidence that PET/0.6PHB forms the PET-rich
matrix plus PHB-rich islands, the â and â′ relaxations
might be caused respectively by these two phases; see
a further discussion below.
The H-N function, eq 2, has beeen used to represent

the â relaxation results. Figure 9 shows the calculated
(continuous line) and experimental (various symbols)
values of the dielectric loss ε′′. Clearly the H-N
function serves very well. The relaxation rate fpâ is well
represented by the Arrhenius formula, eq 3, with log
(fâ∞/Hz) ) 15.9 and EAâ ) 57.8 kJ‚mol-1; the quality of
the fit is demonstrated in Figure 10. Our value of EAâ
is quite close to that of Gedde and co-workers,64 namely,
56 kJ‚mol-1.
To discuss the mechanism of the â relaxation in our

copolyester, the data for it are compared with those for
the amorphous PET72 and pure PHB73 in Figure 10. The
figure shows that the â relaxation rates for PET/0.6PHB
lie between those of PET and PHB. This means, first,
that both ethylene terephthalate (ETP) and hydroxy-
benzoic acid (HBA) units contribute simultanously to
that processsas already concluded by Gedde et al. and

noted above. Second, with increasing HBA ()PHB)
contents, the â relaxation is shifted to higher temper-
aturessas can bee seen in the figure for PET/0.6PHB
and for PET/0.8PHB results from ref 64. On this basis
one can speculate on the molecular character of the â′
relaxation. Remembering the two-phase morphology,
the â′ relaxation can be understood as a process that
occurs in the islands since it becomes active at higher
temperatures than the â relaxation. Assuming that
PET and PHB units have dipole moments of comparable
magnitude, from the comparison of the intensities of the
â and the â′ relaxation one infers that PET-rich areas
must be larger than the PHB-rich islands. This of
course confirms what has been already seen in SEM5

and further confirmed by wide-angle X-ray scattering
(WAXS).17 Both SEM and WAXS results show that the
islands constitute a minor fraction of the total volume
of the PET/0.6PHB material. We recall rule 5 of
formation of hierarchical structures:17 assembling enti-
ties in a specified way can achieve properties that a
system of unassembled entities does not have. In our
case, chemically speaking, PHB is the major component
in the copolymer. However, it takes a high local
concentration of PHB sequencessand a favorable topo-

Figure 8. Logarithm of dielectric loss ε′′ vs temperature for
PET/0.6PHB for different frequencies in the â relaxation
region, showing the â′ relaxation additional to the â relaxation.

Figure 9. Representation of the dielectric â relaxation of PET/
0.6PHB by the H-N function: (9) T ) 193.5 K, â ) 0.200, γ
) 0.75, ∆ε ) 1.026, log f0 ) -0.27; (b) T ) 206.8 K, â ) 0.205,
γ ) 0.91, ∆ε ) 1.044, log f0 ) 1.22; (2) T ) 241.2 K, â ) 0.281,
γ ) 0.60, ∆ε ) 1.197, log f0 ) 2.83.

Figure 10. Arrhenius plot for the dielectric â relaxation: (0)
PET/0.6PHB; dotted line, fit of the Arrhenius equation to the
data; (O) PET/0.8PHB from ref 64; (4) PHB from ref 73; solid
line, Arrhenius fit to the â relaxation data of amorphous PET
taken from ref 72.
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logical arrangement (low degree of entanglements)sto
create an island. In such a way, our interpretation of
the origin of the â′ relaxation acquires a base consistent
with concepts of hierarchy formation and with experi-
ments of several kinds.
Figure 11 gives the temperature dependencies of the

half-width b and of the relaxation strength ∆εâ of the â
peak. As is known for the most amorphous polymers,
∆εâ increases with increasing temperature. This can
be explained by increases with temperature of the
fluctuation angle of the dipole component (which is
related to the â relaxation) and/or the number of dipoles
that contribute to the process. In distinction to ref 64
we have found that the â peak is asymmetric (see Figure
8), but since that peak is very broad, the difference may
be due again to a wider frequency range in our study.
As Figure 11 shows, the half-width of the peak decreases
with increasing temperature. The width of a â process
peak is often attributed to a distribution of relaxation
times, due in turn to a distribution of molecular
environments of the moving unit. Adopting this point
of view, one can conclude that the width of the distribu-
tion of different environments decreases with increasing
temperature.
Focus now on the R transition region of the PET/

0.6PHB. A closer inspection of this zone shows that that
zone is also split into two relaxation regions; see Figure
12. A relaxation peak with a small relaxation strength
can be identified at lower temperatures; we shall call it
R′. It is followed by the RPET glass transition peak with
a considerably higher intensity at higher temperatures.
Unfortunately, the R′ process could not be better quan-
tified for several reasons. First, it appears only as a

low-temperature shoulder of the R process and is badly
resolved. Second, the â relaxation, which is consider-
ably more intensive, moves into the R transition zone
and covers the R′ relaxation at higher temperatures.
However, see a discussion of â′ below. Figure 13 gives
the relaxation map for the R relaxation. We have also
included in Figure 13 the data for the R process taken
from ref 64 and the data for amorphous PET from ref
51. All the data can be approximately described by the
VFTH equation; see lines in Figure 13. Parameters of
eq 4 for all materials studied are listed in Table 1.
Figure 13 shows that the R process of PET in the PLC

occurs at lower temperatures than the R relaxation in
amorphous PET. As pointed out already, the R′ process
occurs at even lower temperatures than the R relax-
ation. The lowering of the glass transition temperature
in the PLC compared with that of amorphous PET, also
found in ref 64, is surprising at first glance because the
copolymerization of PET-type with PHB-type units
introduces relatively inflexible PHB segments into the
system, hence the glass transition temperature should
increase. However, the rodlike PHB units can prevent
the densest packing otherwise possible in the system.
Thus, the copolymerization introduces an additional
amount of free volume which causes plasticizition of the
system and lowers the glass transition temperature.
With this simple model, the glass transition tempera-
ture of PET/xPHB can be understood as a competition
of chain stiffness and introduction of an additional
amount of vfsboth due to the copolymerization.
The appearance of R′ and R relaxation processes will

now be reconsidered in the framework of the two-phase
structure of PET/xPHB. Assume that the low-temper-
ature R′ process is assigned to a relaxation transition
in HBA ()PHB)-rich domains while we already know
that the high-temperature R process constitutes the
glass transition in PET-rich domains.
Such an assignment can be justified by two argu-

ments. First, the â′ relaxation process was related by
completely different arguments to the PHB-rich islands.
We remember that the â′ relaxation has much lower
intensity than the â relaxation of the PET-rich matrix.
Since the R′ relaxation has lower dielectric relaxation
strength than the R relaxation, it seems plausible to
relate this relaxation process to the islands. Second,
in comparison the R relaxation, the R′ relaxation is
shifted to lower temperaturesswhich was explained by

Figure 11. Intensity (9) and half-width (b) of the dielectric
â relaxation. Lines are guides for the eyes.

Figure 12. Logarithm of dielectric loss ε′′ vs temperature at
1 Hz for PET/0.6PHB showing the R and the R′ relaxations.

Figure 13. Arrhenius plot for the dielectric R relaxation of
PET/0.6PHB: (9) R relaxation, this study: (3) R′ relaxation;
(4) R relaxation from ref 64; (b) R relaxation of PET from ref
52; lines are fits of the VFTH eq 4 to the data.
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a higher degree of internal plasticization. The â′
relaxation, also related to the islands, is shifted simul-
taneously to higher temperatures in comparison to the
â relaxation. Such shifts upward of the low-T relaxation
and downward of the high-T relaxation have been found
before for polymers plasticized with low molecular
weight plasticizers.74
Polycarbonate + PLC Blends. Figure 14 shows

the dielectric behavior for the both pure materials and
their blends with different PLC concentrations (5, 10,
15, and 20 wt %) at a frequency of 1 kHz vs temperature.
The R relaxation of PET can be identified easily; its
strength increases with increasing concentration of the
PLC. As in the mechanical case, this result indicates a
very well separated two-phase structure of the blends.
Consider first the low-temperature relaxation region.

Given the two-phase structure, we would expect to see
the â peak of the PLC. It is indeed very visible, but
with a partial overlap with the â relaxations of PC, the
â3 relaxation is particular. We recall that we have
already shown in Figure 5 the temperature dependence
of the â relaxation rates of polycarbonate analyzed in
terms of the Arrhenius eq 3. The respective preexpo-
nential factors and the activation energies are listed in
Table 2. For low concentrations of the PLC both
quantities increase at first, display a local maximum
at 15%, and after crossing the θLC limit, they both
decrease. A natural explanation is thatsas we have
argued beforesgradual addition of the PLC results in
perturbation of the PC structure. Since PET is compa-
rable in its flexibility to the PC matrix, the perturbation
is caused mainly by the relatively rigid PHB component
of the PLC. Therefore, the perturbation increases at
first, but it decreases above the θLC limit when the PHB-
rich islands are formed. There are some indications for
such an interpretation from ultrasonic and spectroscopic
investigations.75 At the same time, while our interpre-
tations above in terms of the island formation are on
firm ground, exceptionally in the case of the parameters
in Table 2 that explanation is only tentative, this

because of the already mentioned overlap of the â3
relaxation of PC with the â relaxation of the PLC.
The temperature dependence of the R relaxation rates

of PC displays the well-known VFTH behavior (eq 4)
shown in Figure 15. The respective parameters are
listed in Table 1. The temperature position of the R
relaxation of PC at a fixed frequency shifts with
increasing concentration of PLC to lower temperatures.
We recall the partial miscibility of PC with PLC
established in ref 46 and already referred to above. This
interpretation is supported further by the observed
broadening of the R peak with increasing PLC content
characteristic for blend systems. Once again, a variety
of results obtained by different techniques leads to a
single interpretation. The dynamic glass transition
temperature of PC can be calculated for 10 Hz with the
help of the VFTH fits and plotted vs the PLC concentra-
tion; see the inset in Figure 15. The glass transition of
the PET constituent of the PLC is also shown at the far
right end. The result is essentially a step function,
confirming once again that only a small part of the PLC
is dissolved in the polycarbonate matrix.
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